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ABSTRACT 
The relative fractions of ferri te and austenite that 
solidify from a stainless steel (SS) alloy 'depend on the 
alloy composition and the solidification rate. Many 
common SS-alloy microstructures consist of a mixture of 
ferri te and austenite phases; however, when these alloys 
are  rapidly resolidified using lassr-beam (LB) or 
electron-beam (EB) processes, they solidify as single-phase 
austenite or single-phase ferrite. This paper investigates 
the influence of solidification rate on the reduction, and 
eventual elimination, of second phases during the rapid 
solidification of two Fe-Ni-Cr alloys. One alloy solidifies 
in the primary austenitic mode, and its ferri te content 
decreases to 0% with increasing solidification rate. The 
other alloy solidifies in the primary ferritic mode, and 
its ferri te content increases to 100% with increasing 
solidification rate. The influence of solidification rate 
on the ferri te content of these alloys was modeled by first  
calculating the dendrite-tip undercooling and then 
incorporating these calculations into a solute- 
redistribution model. The calculations and experiments 
agree semi-quantitatively, allowing the relative fractions 
of primary and secondary phases that solidify from the 
melt to be estimated for  a wide range of solidification 
rates. The model predicts the minimum interface velocity 
for single-phase solidification to be about 40 mm/s, which 
correlates well with the experimental results for  
primary-austenite-solidified alloys but overestimates the 
minimum velocity for  single-phase solidification of 
primary-ferrite-solidified alloys. 

INTRODUCTION 

The formation of single-phase microstructures under 
rapid solidification conditions is principally related to 
the influence that the solidification rate has on solute 
redistribution that takes place during solidification. At 
low solidification rates relative to the diffusivity of the 
solute in the solid phase, a partial back-diffusion of solute 
into the solid reduces the total amount of solute rejected 
to the liquid. This reduces the amount of second-phase 
formation that  occurs during final  alloy solidification. 
As the solidification rate is increased, the amount of back 
diffusion decreases to the point where the effect  of back 
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diffusion on solute redistribution is negligible. Under 
these conditions, solute redistribution is maximized and 
the largest amount of second phases forms during solid- 
ification. For this case, the Scheil equation [I, 21 can be 
used to estimate the compositional gradients that form in 
the microstructure and can be also be used to calculate 
the theoretical maximum amount of second-phase for- 
mation. 

As the solidification rate is further increased, the 
amount of undercooling at  the dendrite tip increases and 
becomes the principal factor influencing the redistribu- 
tion of solute. The effect of this undercooling is to reduce 
the amount of solute that is rejected to the liquid; thus 
the amount of second phases that form during final  
solidification is also reduced. Under rapid-solidification 
conditions the undercooling effect can be so severe that 
solute rejection can be eliminated, leading to single-phase 
microstructures when the solidification rate exceeds some 
minimum value. 

In this investigation, two Fe-Ni-Cr alloys were rapidly 
resolidified with an  EB processing technique to scan 
speeds as high as 5 m/s. The influence of this imposed 
solidification rate on the microstructure was calculated 
by modeling the undercooling associated with rapid 
solidification processing [3-51 and modeling how this 
undercooling affects solute redistribution and second- 
phase formation [2]. The rapid-solidification model shows 
a decrease in solute redistribution a t  high interface 
velocities to the point where no second-phase formation 
occurs. The results of the model support the experimental 
observations, which show the presence of single-phase 
microsegregation-free niicrostructures at  high solidifi- 
cation rates. 

EXPERIMENTAL PROCEDURES 

Materials and EB Resolidification 
Two high-purity Fe-Ni-Cr ternary alloys were fab- 

ricated with 59 wt% Fe and different Cr/Ni ratios. Alloy 
3 (25.0% Cr, 16.5% Ni, bal. Fe) has a Cr/Ni ratio of 1.52 
and solidifies in the primary austenitic mode under all 
conditions. Alloy 6 (27.6% Cr, 13.7% Ni, bal. Fe) has a 
Cr/Ni ratio of 2.01 and solidifies in the primary ferritic 
mode under all conditions. Details of the casting technique 
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and  the thermomechanical hot-working of the ingots are 
provided in reference [3]. 

The lowest cooling rates examined in this study were 
produced by remelting and arc-casting a portion of each 
alloy. These castings were made from approximately 200 
g of each alloy, recast into a water-cooled copper hearth 
under an  argon atmosphere to produce a button 80 mm 
long, 40 mm wide, and 20 mm thick. 

Rapid solidification conditions were achieved by 
resolidifying the alloys with a high-speed EB surface- 
glazing technique a t  scan speeds between 6.3 and 5,000 
mm/s. These experiments were performed with the EB 
power level held constant at  2 kW (100 kV, 20 mA) and 
sharply focused to about 1 mm on the surface of the 
substrate. These solidification conditions produced 
cooling rates that varied from 7.0x10Â to 7.5x106 OC/s [6]. 

Microstructural Analysis 

Optical metallography was performed on the EB- 
resolidified specimens to determine the primary mode of 
solidification and the ferrite morphology [6]; ferri te 
measurements were made on the cast and EB resolidified 
specimens using a vibrating sample magnetometer (VSM) 
[7]. A JEOL 200 CX transmission electron microscope 
(TEM) with scanning capability was used for  positive 
identification of the ferrite and austenite phases and was 
used to measure the chemical composition gradients across 
the rapidly resolidified cells. Semi-quantitative data were 
adequate for  these purposes since the relative changes in 
Cr, Ni, and Fe concentrations across distances on the order 
of 1 urn were of primary concern. The beam spot size 
was widened to about 100 A to optimize spatial resolution 
with count rate, giving an absolute resolution of about 
300 A in the thin foils. 

DENDRITE TIP UNDERCOOLING 
The interface velocity, V, and the temperature gra- 

dient, G, a t  the L/S interface are  the two principal 
processing parameters that influence solute 
redistribution. Neither of these parameters is directly 
controlled in the EB surface melts, where the nominal 
scan speed of the electron beam is held constant and a 
quasi-steady-state thermal field is established around the 
weld pool. Under these conditions, the interface velocity 
and the temperature gradient are both related to the 
geometric shape of the weld pool, which subsequently 
depends on the travel speed of the beam and the thermal 
properties of the substrate. Table 1 summarizes V, G, 
and the average cooling rate for  each of the solidification 
conditions. V and G were determined through metallo- 
graphic measurements of the weld pool shape, and the 
cooling rate was determined by the spacing of the dendrite 
arms [6]. 

Solidification Parameters 
Accurate calculations of the dendrite-tip undercooling 

require accurate knowledge of the equilibrium partition 
coefficient, k,  and the slope of the liquidus, m ~ .  These 
parameters were determined from pseudobinary diagrams 
that  were created along the solidification paths of these 
alloys 181. These data are summarized in Table 2, showing 
a steeper liquidus than is typically reported fo r  SS alloys 
[4,9]. This table also summarizes the other material- 

Table 1: Average values of the cooling rate, interface 
velocity, and temperature gradients fo r  the 
casting and the 6 EB melts. 

property data required to calculate the dendrite-tip 
radius; the values of the liquid diffusivity, DL, were 
taken from reference [9]. 

The partitioning coefficients for primary austenite 
solidification show that Cr segregates preferentially to 
the liquid phase, kcr=0.80, and Ni segregates only mod- 
erately to the solid phase, kNi=1.05. Since the partition 
coefficient for  Ni is close to unity, the pseudobinary 
approximation can be made with Cr being the dominant 
segregating element. Therefore, the slope of the liquidus 
for primary-austenite solidification was based on Cr 
segregation and was determined to be -5.0 K/%Cr. 

For primary ferrite solidification, Ni segregates 
preferentially to the liquid phase, kNi=0.82, and Cr seg- 
regates moderately to the solid phase, kcr=1.05. Since the 
partition coefficient for Cr is close to unity, the 
pseudobinary approximation can be made with Ni being 
the dominant segregating element. Therefore, the slope 
of the liquidus, for primary ferrite solidification was 
based on Ni segregation and was determined to be -8.0 
K/% Ni. 

Table 2: Solidification parameters and material proper- 
ties used to calculate the dendrite-tip charac- 
teristics. 

-- 

property 1 Uni t s  1 Alloy 3 
(austenite) I (ferrite) I 

C,, : Cr, Ni 

C E : C r , N i  

(wt%) 

(wt%) 

24.6, 16.4 

26.2.16.1 

27.4, 13.6 

26.5,16.1 



Undercooling Calculations 
Kurtz,  Giovanola, and  Trividi  (KGT) [3] presented a 

constrained dendritic-growth model fo r  binary alloys that  
has been used to determine the dendrite-tip characteristics 
in  many alloy systems [4,5]. Using this approach, the 
dendrite-tip radius, R, was calculated by solving the 
following quadrat ic  expression: 

where Iv (P) is the Ivanstov function related to the solutal 
Peclet number P, k is the equilibrium partition coeffi- 
cient, Co is the initial liquid composition, and  is the 
Gibbs-Thompson parameter (ratio of the melting entropy 
to the surface energy). S;(P.k) is the high-velocity 
interface-stability parameter [ 3 ] ,  which is a function of 
P and k: 

The  dendrite-tip radius can be calculated fo r  a given 
value of G and the solutal Peclet number, which is defined 
as follows: 

This equation incorporates the product of R and V, 
therefore, a n  iterative procedure must be used to solve 
for  the unique value of R that  satisfies equations 1-3 for  
a given interface velocity. Once R is known, the solutal 
undercooling, A T c ,  and  the liquid composition a t  the 
dendri te  tip, Cr, can be calculated from the following 
equations [ lo,  111: 

These undercooling calculations are summarized in 
Table 3, and  are  plotted in Fig. 1 as a function of the 
interface velocity. The  calculated undercooling increases 
f rom 9.8 OC in the casting to 45.8oC fo r  the highest-speed 
EB melt, and  has a significant influence on the solidi- 
fication microstructure. 
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Fig. 1: The  average solutal undercooling as a function of 
the interface velocity. 

SOLUTE REDISTRIBUTION 

Maximum Segregation 
The Scheil equation was used to predict the relative 

amounts of primary phases and secondary phases that  
solidify from the melt under maximum segregation 
conditions. The  integrated form of this equation [I21 
gives the composition of the liquid, Cr, as  a function of 
the fraction solidified, f: 

where k is the equilibrium partition ratio and Co is the 
initial composition of the liquid alloy. This equation can 
be used to determine the amount of liquid that  solidifies 
as non-equilibrium second phase by calculating the 
fract ion solidified when the liquid composition has been 
enriched to the eutectic composition. 

Figure 2 schematically represents the composition vs 
fraction solidified for  a hypothetical binary-alloy 
eutectic with k< l  (see Fig. 4a). In this example, a is the 
primary phase to solidify from the melt and p is the 
alternate phase that  forms only during the eutectic 
reaction. The composition of the f irst  solid to form is 
kco;  since solute is rejected to the liquid, the composition 
of the liquid and thus the composition solid increase in 
solute with increasing fraction solid. When f=fp,  the 

Table 3: Summary of dendrite-tip radius and  under- 
cooling calculations. 

Fig. 2: Schematic drawing showing the solute redistri- 
bution predicted by the Scheil equation. 



composition of the liquid has been enriched in solute to 
the eutectic composition; a t  this point, the composition 
of the solid is CgM, the composition of the liquid is Cg, 
and the fraction of the primary phase that solidifies from 

- the melt is fp. 
After the liquid has reached the eutectic composition, 

an  additional amount of a will solidify as part of the 
eutectic reaction. This fraction of second-phase a will 
be denoted as fp*. Therefore, the total amount of aphase  
that forms during solidification is equal to the amount 
of primary-phase a plus the amount of second-phase a 
and is equal to the quantity f p  + fp*. 

The amount of second-phase a that solidifies is equal 
to the amount of eutectic liquid (1-fp) multiplied by the 
ratio of a to (3 that  forms during the eutectic reaction. 
This ratio will be denoted by Rp, which can be estimated 
for  stainless steel alloys from the line of twofold satu- 
ration and the isothermal tie-triangles in the Fe-Ni-Cr 
system. R p  is shown in Fig. 3 as a function of temperature 
[S]; the average fraction of the eutectic liquid that 
solidifies as ferri te is approximately 1/3, and the amount 
that  solidifies as austenite is approximately 2/3. 

Therefore, when Co and k are known, the fraction of 
the primary phase that solidifies from the melt can be 
calculated by setting CL equal to Cg. Furthermore, by 
knowing Rp, the relative amounts of the secondary phases 
that solidify from the melt can be calculated. 
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Fig. 3: The fraction ferri te that solidifies from the 
eutectic liquid as a function of temperature along 
the line of two-fold saturation, based on ther- 
modynamic calculations. 

Undercooled Melts 
Typical solidification processing results in the for- 

mation of dendrites or cells that protrude ahead of the 
interface. The temperature a t  the tip of these protrusions 
is depressed below the equilibrium liquidus temperature 
because of solutal, thermal, and radius-of-curvature 
effects [10,11]. The major contribution to microstructural 
inhomogenieties is incomplete solute diffusion in the 
liquid, which results in a n  overall reduction in the amount 
of non-equilibrium second-phase that  forms under 
rapid-solidification conditions [2]. 

Figure 4a illustrates the effects of undercooling on 
the relationship between the liquid and solid composition 
for  a simple binary eutectic system. In this figure, CL 
and Cs represent the equilibrium compositions of the 
liquid and solid phases, respectively, a t  a temperature of 

T? For a temperature depression of AT, the interface 
temperature corresponds to T* and the composition of the 
liquid and solid phases increase to CL* and Cs*, respec- 
tively. Therefore, during steady-state solidification a t  
this depressed temperature, the solid phase incorporates 
more solute than i t  does during equilibrium solidification 
conditions. This effect is one of the two factors that  
contribute to a reduction in the amount of secondary 
phases that form in rapidly solidified alloys. 

The other factor is related to the conditions that 
precede the development of steady-state growth condi- 
tions in the undercooled melts. Note in Fig. 4a that  the 
undercooling favors the initial formation of the primary 
phase, prior to establishing the solute-enriched state a t  a 
temperature of T*. A mass balance a t  the tip of the 
undercooled dendrite can be used to calculate this initial 
fraction of the primary phase. 

B 
Composition 

A 
Composition 

Fig. 4: Schematic illustrations showing how the solutal 
undercooling affects solidification, where T* 
indicates the interface temperature and A T  rep- 
resents the undercooling. a) T* falls between the 
liquidus and solidus temperatures; b) T* falls 
below the solidus temperature. 



Sarreal et al. [2] presented such a model to calculate 
the amount of primary solid phase and eutectic liquid 
that  form in undercooled melts. When the undercooling 
at  the dendrite tip brings the temperature to a value 
between the liquidus and solidus, i t  is assumed that the 
undercooling is dissipated a t  the dendritic tip by forming 
a fraction of the primary phase solid equal to fÂ¡p This 
quantity corresponds to the amount of solid that  would 
be predicted by the equilibrium lever rule a t  the 
undercooled temperature. The remaining liquid (l-f i) is 
then assumed to solidify via the Scheil approximation, 
starting a t  the enriched liquid composition. Assuming 
that the principal contribution to the undercooling is the 
solutal effects ahead of the dendrite tip, Sarreal et  a1. 
developed the following relationships: 

where f v  refers to the fraction of eutectic that forms in 
the undercooled melt. 

Figure 4b illustrates the situation in which the 
undercooling is sufficient to bring the interface tem- 
perature below the solidus temperature. For this case, 
the dendrite-tip composition is equal to the initial liquid 
composition. Under these conditions, all of the solute is 
incorporated into the dendrite, resulting in 
microsegregation-free solidification with no second 
phases forming in the microstructure. 

RESULTS AND DISCUSSION 

Solute Redistribution And Second-Phase-Formation 
Calculations 

The solidification model was applied to the Fe-Ni-Cr 
alloys to calculate the relative fractions of phases that  
solidify in the casting and the 6 EB melts. The phases 
of interest in this alloy system are: 1) the primary 
solidification phase, which can be either ferri te (Fp) or  
austenite (Ap), 2) second-phase ferri te that  solidifies from 
the eutectic liquid (Fs), and 3) second-phase austenite that 
solidifies from the eutectic liquid (As). 

The results of the Scheil calculations are summarized 
in Table 4, which gives the maximum amount of 
second-phase ferri te and second-phase austenite that  can 
form during solidification. Under the Scheil assumptions, 
alloy 3 solidifies with 48.9% second-phase austenite and 
24.1% second-phase ferrite, and alloy 6 solidifies with 
26.3% second-phase austenite and  12.9% second-phase 
ferrite. The higher percentage of second phases in alloy 
3 is related to its composition lying closer to the line of 
two-fold saturation than does that of alloy 6 [6]. 

The influence of solidification rate on the total 
amount of ferri te that solidifies from these alloys is 
summarized in Table 5 and plotted in Fig. 5. The cal- 
culated 'solidified' ferrite in alloy 3 is all second-phase 
ferri te whose content decreases from 22.1% a t  V=0.7 mm/s 
to 0% at  V=40 mm/s. The Scheil prediction of 24.1% 
ferri te is indicated on this figure, showing that  it provides 
an upper limit for  the amount of ferri te in the 
primary-austenite-solidified alloys. The calculated soli- 
dified ferri te in alloy 6 is the sum of the primary and 
secondary ferrite contents. This value increases from 
76.9% ferri te at  V=0.7 mm/s to 100% in alloy 6 a t  V=40 
mm/s. As indicated, the Scheil prediction of 73.7% ferri te 
provides a lower limit for  the amount of ferri te in the 
primary-f errite-solidif ied alloys. 

Table 4: Relative fractions primary and secondary 
phases, predicted from the Scheil calculations. 
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Fig. 5: Total calculated amount of ferrite that solidifies 
from the melt as a function of interface velocity 
for alloy 3 and alloy 6. 
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The solute redistribution calculations can be used to 
determine the influence of solidification velocity on the 
relative amounts of primary and secondary phases that  
solidify from the melt. Figure 6a plots the amount of 
primary austenite and the amounts of second phases that 

Austenite (%) 

24.1 

12.9 

solidify from alloy 3. At the lowest interface velocity of 
V=0.7 mm/s, this alloy solidifies with 33.9% primary- 
phase austenite and a total of 66.1% second phases. As 
the interface velocity is increased, the amount of second 

As 

48.9 

26.3 

0 

60.8 

Table 5: Total residual and solidified ferri te content of 
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alloys 3 and 6. 
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Condition 
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Alloy 6 
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6.3 

16 

V 
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26.4 
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Alloy 3 

Solid- 
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22.1 
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78.9 

81.1 

90.8 

89.4 
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Fig. 6: Relative fractions of primary and secondary 
phases that solidify from a) alloy 3 and b) alloy 
6. 

phases decreases to 0% a t  an interface velocity of about 
40 mm/s. For all higher interface velocities, alloy 3 
solidifies in the fully austenitic condition. 

The influence of solidification velocity on the relative 
amounts of primary and secondary phases that solidify 
from alloy 6 is indicated in Fig. 6b. At the lowest interface 
velocity, V=0.7 mm/s, this alloy solidifies with 65.3% 
primary-phase ferri te and a total of 34.7% second phases. 
As the interface velocity is increased, the amount of 
second phases again decreases to OCXo at  an  interface 
velocity of about 40 mm/s. Alloy 6 solidifies in the  fully 
ferri t ic condition for  all higher interface velocities. 

In summary, the solute-redistribution model can be 
used to calculate the relative fractions of primary and 
secondary phases in the microstructure. These calcula- 
tions indicate a decrease in second-phase formation as 
the cooling rate increases and predict that single-phase 
microstructures will develop in the high-speed EB- 
resolidified alloys. These calculations are  important 
because i t  is not always possible to measure the amount 
of ferri te that solidifies from the melt due to the sub- 
sequent solid-state transformation of ferri te as the 
resolidified melt cools to room temperature. 

Experimental Observations 

Fig. 7: Microstructure of the low-cooling-rate substrate 
(2xlO3oC/s) and the high-cooling-rate resolidified 
zone (1.5xlO~C/s) for a) alloy 3 and b) alloy 6. 

In both alloys, the low-cooling-rate substrate contains a 
mixture of ferri te and austenite phases; however, when 
rapidly resolidified, alloy 3 becomes fully austenitic and 
alloy 6 becomes fully ferritic as the calculations suggest. 

Composition gradients were measured across the 
ferri te cells to determine if solidification segregation was 
absent from the high-cooling-rate, rapidly-solidified, 
single-phase microstructures. If solidification segregation 
were present, there would be an enrichment of Ni and a 
depletion of Cr at  the cell wall for primary-ferrite- 
solidification conditions. 

Results of the STEM analysis are shown in Fig. 8. 
This figure plots the Fe, Cr, and Ni concentrations across 
a f en i t e l f e r r i t e  cell wall in alloy 6 weld 3 (V=16 mm/s). 
The Cr and Ni concentration data points begin 0.12 p m  
before the cell wall, which is located at  X=O pm, and 
continue to the center of the cell core a t  X=l.O pm. Both 
profiles are  f la t  within the experimental error (about 0.S0/o 
absolute), indicating that solidification occurred without 
measurable segregation under these solidification con- 
ditions. Post-weld homogenization of the composition 
profiles during cooling to room temperature was ruled 

The microstructure of alloys 3 and 6 is shown in Fig. i u t  for  the hiih-speed welds becausi the characteristic 
7 fo r  both the low- and the high-cooling-rate conditions. diffusion distance was less than ten percent of the den- 
The low-cooling-rate microstructures occur in the sub- dri te arm spacing size 181. 
strate (2xIO~oC/s), and the high-cooling-rate microstruc- Therefore, the STEM analysis shows that this alloy 
tures occur in the EB-4 resolidif ied Zone ( ~ . ~ X ~ O ~ ~ C / S ) .  solidified without significant segregations The absence 
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Fig. 8: STEM analysis showing composition profiles for  
Ni and Cr across a cell in alloy 6, weld 3 (V=16 
mm/s) 

of solidification segregation indicates that the amount of 
undercooling at  the dendrite tip is on the order of the 
solidification temperature interval, which also supports 
the results of the solidification model. 

Comparison Between Experiments and Calculations 
Comparisons between the calculated and 

experimentally-determined total ferri te content are 
complicated by the effects of the solid-state transfor- 
mation of ferrite. This transformation proceeds by the 
diffusion-controlled growth of austenite in 
primary-austenite-solidified alloys, or by the 
nucleation-and-growth of austenite in single-phase- 
ferrite-solidified alloys 161, therefore, a one-to-one cor- 
respondence between the calculated solidified-ferrite 
content and the experimentally-determined ferri te 
content is not expected. Only in alloys that  are  solidified 
a t  high enough cooling rates to prevent the solid-state 
transformation of ferri te would a one-to-one correspon- 
dence be expected; under these conditions, the alloy would 
solidify and remain in the fully-ferritic or 
fully-austenitic condition. 

The post-weld ferri te content of the two alloys was 
measured using a vibrating sample magnetometer [7] to 
determine the influence of solidification rate on the 
residual ferrite. These results are summarized in Table 
5 and are plotted in Fig. 9. In this figure, the dashed 
lines give the residual ferri te content and the solid lines 
give the solidified-ferrite content as a function of 
solidification rate. 

The residual ferrite content of alloy 3 decreases from 
9.8Yo in the casting to 0% in the high-speed EB welds. The 
measured residual ferri te is compared to the calculated 
amount of 'solidified' ferri te as a function of the interface 
velocity in this figure. The difference between the 
measured and calculated ferrite content is directly related 
to the solid-state transformation. This difference 
decreases with increasing velocity as would be expected 
because of the reduced amount of time available for the 
solid-state transformation of ferrite. At interface velo- 
cities greater than 40 mm/s both the calculations and the 
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Fig. 9: Comparison of the measured residual ferrite and 
the calculated solidified ferri te in alloys 3 and 6. 

measured ferri te content are equal a t  0%. There is good 
agreement between the calculated and residual ferri te 
content of this alloy after  qualitatively taking the  
solid-state transformation of ferrite into account. These 
results validate the usefulness of the model for  calculating 
the influence of solidification rate on the amount of 
second-phase ferri te that solidifies from primary- 
austenite solidifying alloys. 

Figure 9 also compares the calculated solidified ferri te 
to the residual ferri te for alloy 6, which solidifies in the 
primary-ferrite mode. The measured residual ferri te 
content of alloy 6 increases from 26.4% in the casting to 
100Yo a t  an  interface velocity of 6.3 mm/s. The 
experimentally-observed minimum velocity for  fully- 
ferri t ic solidification is significantly lower than that of 
40 mm/s calculated from the model. This leads to an  
unrealistic situation in which there appears to be a greater 
amount of residual ferri te than actually solidified from 
the melt. 

This discrepancy is most likely caused by the 
assumptions made in the solute redistribution model. In 
the model i t  was assumed that single-phase ferritic 
solidification would only occur if the undercooling was 
sufficient to bring the dendrite-tip temperature below 
the ferri te solidus temperature (see Fig. 4b). One possi- 
bility fo r  the discrepancy is that  the fully-ferritic 
microstructures are forming via solute-segregation, with 
T* greater than the solidus temperature, but without the 
subsequent formation of the second-phase austenite from 
the eutectic liquid. This possibility would occur if the 
nucleation of austenite from the liquid were kinetically 
less favored than the solidification of metastable ferri te 
during the invariant reaction. 

A second possibility for  the discrepancy is that  the 
model assumes that a minimum undercooling equal to the 
solidification interval is required for  single-phase 
solidification. This assumption may be unnecessarily 
restrictive since fully-ferritic solidification can ther- 
modynamically occur a t  temperatures below To, where To 
is the temperature a t  which the Gibbs free energy of BCC 
ferri te and the liquid phase are equal. Since To falls 
between the liquidus and solidus temperatures, fully- 
ferri t ic segregation-free solidification could occur with 
less undercooling than calculated in the model. The results 
of the STEM analysis, which showed an absence of 
solidification segregation in the rapidly solidified alloys, 



tend to support -this second possibility. However, addi- 
tional experiments will be required to provide a more 
definitive answer. 

CONCLUSIONS 
I. Primary-ferrite and primary-austenite Fe-Ni-Cr 

alloys were rapidly resolidified using EB surface- 
glazing at scan speeds between 6.3 and 5,000 mm/s. 
These solidification conditions produced dendrite-tip 
undercoolings that were calculated to vary from 
9.80c/s to 45.80c/s. The highest undercoolings were 
sufficient to depress the dendrite-tip temperature 
below the solidus temperature. 

2. A solute redistribution model was used to determine 
the influence that the dendrite-tip undercooling has 
on the amount of solute redistribution and second- 
phase formation that occurs during solidification. 
This mode1 showed a reduction in the amount of 
second phases that form as the solidification rate 
increases. At the highest solidification rates, the 
calculations predict single-phase solidification with 
no second-phase formation. 

3. STEM analysis of the composition profiles across cells 
in a rapidly-solidified fully-ferritic alloy showed no 
measurable evidence of solidification segregation. 
This lack of solidification segregation supports the 
results of the model and indicates that the 
dendrite-tip undercoolings are on the order of the 
solidification-temperature interval. 

4. Qualitative agreement between the rapid- 
solidification model and the experiments was 
observed for the primary-austenite solidified alloy. 
However, the model predicts a higher interface 
velocity for single-phase solidification than was 
experimentally observed for the primary-ferrite 
solidified alloy. This discrepancy is most likely due 
to the assumptions made in the model regarding the 
amount of undercooling required for single-phase 
ferritic solidification; additional work will be 
required to understand this discrepancy. 

ACKNOWLEDGMENTS 
This work was supported under the auspices of the 

U. S. Department of Energy by Lawrence Livermore 
National Laboratory under contract W-7405-Eng.-48. 
Some of the laboratory work was performed a t  MIT and 
was supported by the Office of Naval Research under 
contract NOOOl4-80-(2-0384. 

The authors would'like to acknowledge M. A. Wall for 
STEM analysis and M. Rappaz for helpful discussions. 

REFERENCES 
E. Scheil, Z. Metallkd., 1942, 34, p. 70. 
J. A. Sarreal and G. J. Abbaschian, Metall. Trans. A, 
1986, 17A (1 I), pp. 2063-2073. 
W. Kurtz, B. Giovanola, and R. Trividi, Acta Metail., 
1986, 34, pp. 823-830. 
M. Rappaz, S. A. David, J. M. Vitek, and L. A. Boat- 
ner, Metall. Trans. A ,  vol 20A (61, 1989, pp. 
1125-1 138. 
M. Rappaz, International Materials Review, 1 989, 
34(3), pp. 93-123. 
J. W. Elmer, S. M. Allen, and T. W. Eagar, Metall. 
Trans. A, 1989, VOI 20A (lo), pp. 21 17-2131. 
J. W. Elmer and T. W. Eagar, Weld. J., 1990, 69 (41, 
pp 141s-150s. 
J. W. Elmer: SCD Thesis, Massac~zusetts Institute Of 
Technology, Cambridge, MA, 1988. 
M. Bobadilla, J. Lacaze, and G. Lesoult, J. Cystal 
Growth, 1988, 89, pp. 531-534. 

10. W. Kurz and D. J. Fisher, Acta Metali., 1981, 29(1 I), 
pp. I 1-20. 

I I. W. Kurz and D. J. Fisher, Fzlndamentals of Solidiji- 
cation, 1986, Trans Tech Publications LTD, Switzer- 
land. 

12. M. C. Flemings, Solidijication Processing, 1974, 
McGraw-Hill Book Company, New York, NY. 




